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Microstructural dependence of fracture energy and 
toughness of ceramics and ceramic composites 
versus that of their tensile strengths at 22 ~ 

R. W. RICE 
5411Hopark Drive, Alexandria, VA 22310, USA 

The microstructural dependence of fracture energy and toughness of ceramics and ceramic 
particulate, platelet, and whisker composites is compared with the corresponding 
dependence of their tensile (flexure) strengths at 22 ~ These comparisons show that 
fracture energy and toughness often do not have the same porosity, or grain- or particle-size 
dependence as strength. This is attributed to the scale of the cracks for measuring fracture 
energy or toughness often being too large in comparison to the cracks controlling strength. 
The large cracks reflect crack-microstructure interaction phenomena such as crack-wake 
bridging and R-curve effects that are not, or are much less, involved in the control of 
propagation of most strength-controlling cracks. Thus fracture mechanics must account for 
the scale of the cracks used in measuring fracture mechanics parameters relative to the scale 
of the cracks controlling the strength behaviour that is to be explained or predicted. 

1. Introduction 
Fracture mechanics has appropriately become the 
method for addressing strength and failure of ceram- 
ics, but still leaves important questions of differences 
between different fracture mechanics tests [1] and 
strength tests. The focus on crack-wake effects of 
transformation toughening, and especially crack 
bridging (because of its broader applicability) and 
their associated R-curve effects, driven by the belief 
that toughening was the route to higher ceramic relia- 
bility [2, 3], has heightened some of these questions, 
especially of crack size. The question of the applicabil- 
ity of observations of bridging-wake effects, and re- 
lated R-curve effects is accentuated by the large scale 
of cracks for such studies in comparison with those 
controlling normal strength [4]. The questions of 
crack-size effects are, in turn, related to the question of 
whether increased toughness increases reliability 
[5-7]. An important, but seriously neglected, step in 
resolving these issues is to compare the microstruc- 
tural dependences of strength and fracture energy and 
toughness because this allows a much broader range 
of data to be more effectively evaluated. 

This paper presents such a microstructural-prop- 
erty comparison, primarily at 22 ~ drawing on re- 
views of the grain-size and porosity dependence of 
fracture energy and toughness of ceramics [1, 8-10], 
the corresponding dependence of tensile (flexure) 
strength [11-18], and of fracture mode [19]. A similar 
comparison is made for ceramic particulate com- 
posites based on a review of their strength and tough- 

ness dependence [6], along with similar observations 
on platelet and whisker composites as a function of 
the dispersed phase. The issue is not the validity of 
fracture mechanics, but the correct application of it. In 
particular, phenomena seen with larger scale cracks 
may not be pertinent to much strength behaviour, 
except in cases of severe damage and resultant large 
cracks. This is consistent with earlier studies showing 
crack-size dependences of fracture mechanics para- 
meters [20-23]. 

2. Comparison of ceramic 
microstructural dependence of 
fracture energy, toughness and 
strength 

2.1. Grain-size dependence of ceramics 
2. 1. I. Summary of the grain-size 

dependence of fracture energy and 
toughness 

An earlier review of the grain-size, G, dependence of 
fracture energy, y, primarily of oxides, showed little or 
no G dependence for cubic materials [1, 9, 10]. A more 
recent survey [1] is not inconsistent with the earlier 
data, but shows (usually) modest toughness maxima 
as a function of G is common, but not necessarily 
universal, for cubic oxides and non-oxides. (Such 
K* maxima are less pronounced than for y, because 
K~c~-(Ey) 1/2, and E normally has no dependence 
on G). Some data differ on the G location of the 
maxima, the magnitude of the maximum toughness, or 

* Note that because there is uncertainty in which values of fracture energy or toughness are the critical ones, e.g. K~c, the written terms or the 
symbols y and K will be used, respectively. Only where there is reasonable certainty that a value was critical will the subscript IC be used. 
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Figure l Summary of ceramic fracture toughness versus grain size 
at 22 ~ 

rence of 3' and K maxima as a function of G (Fig. 1) or 
a decrease at larger G (whether or not maxima are 
observed at finer G), (2) values of K or 3' calculated 
from fractography data being consistent with the 
lower values from other tests, i.e. in the absence of 
maxima, R-curve effects, etc., (3) the decreasing K at 
large G being consistent with an expected transition to 
single crystal (e.g. ~ l - 2 M P a m  1/2) and bicrystal 
toughness (but is probably dependent on the test) for 
both cubic and non-cubic materials, and (4) while 
there is considerable consistency of values, and espe- 
cially trends, between tests, there are still significant 
discrepancies in both 7 and K levels and their G de- 
pendence, that present problems in the application of 
fracture mechanics and require further test evaluation 
and development. 

both. Both differences depend on the test, but the 
G location of the K maximum also can depend con- 
siderably on the G measurement method. There was 
also considerable consistency of data, with K values 
from fractography (i.e. calculated from the failure 
stress and the size, shape and location of the failure- 
causing flaw), but these were often somewhat lower. 
Substantially lower toughness was found for MgO 
and MgAlzO4 with residual LiF additive at the grain 
boundaries, and resultant intergranular fi'acture (fa- 
vouring bridging), in contrast to normal predominate- 
ly transgranular fracture in these materials. 

The earlier review showed significant 7 maxima for 
non-cubic oxides [9,10]. A subsequent survey [1] 
generally confirmed corresponding K maxima at 
G-~ 50-100 t~m for A1203, (Fig. 1) and associated this 
with R-curve effects and microcracking from thermal 
expansion anisotropy (TEA) between the grains. Vari- 
ations in the extent to which R-curve effects occurred 
with different tests was seen as an important  factor in 
test differences. In the absence of R-curve effects in 
A1203, Y and K appear to be independent of G over 
the range studied (G~-l-30btm), with K~-4  
M P a  m 1/2, which is also obtained fi'om fractography. 
A significant exception was some work of fracture 
(WOF) data showing a K maxima for alumina at 
a much finer G range ( ~  15 gin) [-24] than would be 
expected for cracking from TEA. While the K levels of 
one TiO 2 study were about  twice those of two other 
studies, all three studies were consistent with a maxi- 
mum, or at least a significant decrease in 7 or K at 
G-~15 gm, also associated with microcracking [1]. 
However, data for B4C, which has very similar E and 
TEA to that of At203, also showed a K maxima, 
similar in relative height and in absolute values to that 
for most alumina data, but probably narrower, and 
clearly at a much finer G, i.e. at G-~5-10 gm. Again, 
the lower K levels from various tests were consistent 
with K values from fractography. TiB2 data showed 
a continuous decrease in toughness from the finest 
G ( ~  1-2 btm), suggesting a maxima there or at finer G, 
which is too fine a G range for this to be associated 
with cracking, despite its greater TEA. 

The review summarized above shows four common 
trends central to this paper: (1) the common occur- 
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2. 1.2. Summary of the grain-size dependence 
of tensile (flexure) strength 

Despite variations due to measurement issues of both 
tensile strength, S and G and differing material charac- 
ter, previous reviews [11-14] show there is a remark- 
ably consistent S-G pattern (easiest seen and typically 
shown for bodies of little porosity and variations of it, 
usually P-~0%,  Fig. 2) that is central to the evalu- 
ations in this paper. There are four basic aspects to 
this S-G pattern: (1) a finer G regime of one or more 
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Figure 2 Summary of ceramic tensile strength as a function of grain 
size. Two types of behaviour are shown. The lower, branched 
behaviour is for failure controlled by pre-existing flaws, and shows 
the transition to single-crystal strengths. The upper line intersecting 
the strength axis at the single-crystal strength reflects failure con- 
trolled by slip or twin-crack nucleation or growth, which may 
change over to flaw failure at finer grain size as shown. These forms 
of behaviour are pertinent to bodies whose character is constant, 
except for grain size, and remarkably consistent over a broad range 
of materials, preparation, and test-temperature conditions. 



S levels (i.e. branches) where there is almost always 
some, but limited, and occasionally no, S decrease 
with increasing G, (2) a larger G regime (single branch) 
with substantial G dependence of S, (3) the intersection 
of the finer and larger G branch(es) when G-~ the flaw 
size, C, and (4) the transition from larger G strengths 
to those for bi and single crystals. 

Such two-branched S-G behaviour was first empha- 
sized by Carniglia [25]. However, he identified the 
finer G branch as being determined by microplastic- 
controlled tensile (flexure) strengths of A1203, BeO, 
and MgO, and the larger G branch as being due to 
failure from flaws whose size was G. Rice [12,26], 
subsequently showed directly by fractography that (1) 
both branches were typically due to failure from ma- 
chining flaws in machined specimens, which are by far 
the most common specimens used (and reflective of 
many components), and (2) this two-branched behav- 
iour results from the flaw depth (i.e. typically the flaw 
size, C) from a given machining operation not varying 
much with G; i.e. similar for single and polycrystalline 
specimens of the same material. (Flaw shape is deter- 
mined mainly by the direction of machining relative to 
the subsequent tensile axis, and so does not vary 
much, except when C and G are similar [27].) Thus, at 
finer G the machining flaws causing failure are much 
larger than the grains. As G increases there is typically 
some limited reduction in strength due to such factors 
as some limited increase in C, and more opportunity 
for contributions of stresses from TEA in non-cubic 
materials and elastic anisotropy (EA) in all crystalline 
materials. Variability in flaw populations results in 
a wider scatter in the finer G branch, or multiple finer 
grain branches, depending on whether the specimen 
populations reflecting the different flaw populations 
can be adequately identified, e.g. as they can for ma- 
chining specimens parallel or perpendicular to the 
subsequent tensile axis [27]. The variations in 
strength, which are, of course, proportional to C- 1/2, 
result in corresponding shifts in the intersection of the 
larger and finer G branches (unless there is a shift in 
the flaw character with increasing G, as is the case for 
specimens machined perpendicular to the tensile axis 
[27]). 

The larger grain branch reflects the region where 
C < G; a natural consequence of the nearly constant 
flaw size. Thus, a grain size is reached beyond which 
C becomes progressively < G  as G increases. The 
more pronounced G dependence of S in the large 
G branch results from the size of the grain containing 
the flaw becoming the upper limit of the flaw size due 
to crack growth. Because C ~ G there is only one 
large G branch. Flaw variations have only a secondary 
effect on strength variations in the larger G branch 
because G sets an upper limit on C. Flaw variations 
simply determine the G, and hence the S, level at which 
the finer and larger G branches intersect. Flaw growth 
within a single grain has been modelled, and the re- 
sulting prediction of a S-G-1/a slope being less than 
the polycrystalline Kic [28-30] has been corroborated 
[13, 14]. A key aspect of the larger G branch is that as 
G increases, S extends to levels well below those for the 
weakest orientation of single crystals of the same ma- 

terial with the same machining (and hence approxim- 
ately the same C). This is attributed to contributions 
of TEA and EA to failure and to increasing grain- 
boundary failure. As G is further increased, flaws 
become further removed from surrounding grain 
boundaries, reducing, then eliminating, the effects 
causing the decrease of S, so it reverses its downward 
trend with increasing G and transition to single-crystal 
strengths. Also as G becomes very large, the opportun- 
ity for failure from flaws along grain boundaries is 
reduced. However, the rate of this reduction should be 
quite dependent on the specimen size and the type of 
test. Thus in testing with a significant stress gradients, 
e.g. as in flexure, flaws at grain boundaries will gener- 
ally have less opportunity to be activated as G ap- 
proaches and then exceeds the specimen dimensions 
than for true tensile testing. However, both must have 
such a transition, though at different rates as a func- 
tion of G and of specimen size. 

Because the finer G branch reflects C > G, and the 
larger grain branch C < G, the two branches meet 
when G ~ C. This intersection is only approximately at 
G ~ C due to some variations of C, G, the orientation 
of the grain and the flaw relative to the stress axis, and 
of the contributions of TEA and EA to the failure 
stress. A particularly important variable is the loca- 
tion of the failure-causing flaw relative to the grain, in 
particular whether the flaw is on a grain boundary or 
in the grain. In the former case, whether it lies along 
one or more boundary facets (hence impacting flaw 
geometry) should be important. Variable location of 
flaws within the grain is commonly observed (e.g. 
a flaw adjacent to, or straddling, a grain boundary) 
has somewhat different effects on strength than a flaw 
not initially abutting any grain boundary. 

The above S-G behaviour has been widely observed 
for machined samples. Thus, the two-branched behav- 
iour has been demonstrated extensively for flexure 
strengths and to also be valid for diametral compres- 
sion, hoop tensile, and true tensile testing [14]. It has 
also been shown to hold over a broad range of test 
temperatures, e.g. from - 196 to > 1200 ~ so long 
as normal brittle fracture from flaws is occurring [15], 
and processes such as creep are not significant. The 
same two-branched behaviour has also been shown to 
occur for specimens tested with as-fired surfaces. For 
such specimens, the G dependence of strength in the 
finer G branch(es) has been attributed to grain-bound- 
ary grooving, i.e. higher S due to reduced depth and 
increasing zigzag nature of such grooving (due to 
reduced G, hence more grains over a typical flaw 
length) with finer G, due to less severe firing to achieve 
finer G [13]. Thus strengths of polycrystalline ceramic 
fibres (which have as-fired surfaces) have been shown 
to be consistent with this two-branched behaviour, i.e. 
to typically be an extrapolation of the strength behav- 
iour seen in bodies of normally obtained G, to the finer 
G typically obtained in fibres. 

Where microplastic failure occurs, e.g. as can com- 
monly be the case in dense CaO, MgO and probably 
BaTiO3 at 22 ~ very similar behaviour is found [14]. 
The key difference is that the strengths of materials 
failing from microplastic crack nucleation (or growth), 
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at least at larger G, extrapolate to the stress to activate 
the microplastic, slip or twin system nucleating or 
growing the failure causing flaws (Fig. 2). Because this 
stress is normally only slightly below the single-crystal 
strength, there is no significant difference between the 
two. It is common for the strengths of such materials 
to branch to a lower G dependence of S at finer G due 
to failure from pre-existing flaws [14], like the finer 
G branches discussed earlier. (Thus, where both flaw 
and microplastic failure branches occur, they are op- 
posite to what Carniglia [-25] proposed; i.e. the micro- 
plastic-controlled branch is the larger, not the finer, 
G branch.) 

2. 1.3. Comparison of strength and toughness 
trends as a function of grain size 

Comparison of the S and K trends as a function of 
G indicates some consistency as well as important 
differences. In particular, extensive S-G data (sum- 
marized above) shows the rises to K (or y) maxima are 
totally unreflected in any strength data (where other 
variables such as P are constant, e.g. at 0, or accounted 
for, as is typically also the case for K and y). This, in 
turn, means that bridging, to which this K rise is 
typically attributed, has limited, or no, impact on 
normal strength behaviour. One of the few exceptions 
to this is the SiC study of Kodama and Myoshi [31], 
where the strengths of their material clearly reflected 
the initial rising K trend with G, though the S maxi- 
mum is not as pronounced as that of K. Whether these 
similar rises reflect some different behaviour of their 
polycarbosilane-derived SiC, or other factors, is not 
known. However, it should again be emphasized that 
an increasing K with G, except for the one SiC case 
noted above, is very inconsistent with the wealth of 
S-G data. It is specifically inconsistent with the S-G 
data for A1203 (very extensive), all BeO, all other SiC, 
and TiO2, each of which has shown such K rises with 
increasing G [1]. 

There are other cases of significant discrepancies 
between S and K, and associated bridging. The signifi- 
cant K increases in Si3N4 as a result of developing 
significantly elongated (but also larger) grains are typi- 
cally not reflected in strength increases, at least not at 
higher K, i.e. S increases less, or decreases despite 
K increasing two to three fold, as discussed further 
later (e.g. Table I). Because the K increases are at- 
tributed to accompanying bridging, this indicates that 
bridging has less, or no, effect on strength, at least for 
extensive bridging with large K increases. This is sup- 
ported by the fact that the starting K before bridging 
occurs is approximately the same as in other materials 
where little or no bridging occurs. Another case of 
strength not reflecting the impact of bridging in 
MgA1204 made with LiF additions (and exhibiting 
nearly 100% intergranular fracture). The K (prior to 
R-curve effects) is only about 60% of the K of 
MgA1204 made without LiF (which has ~100% 
transgranular fracture [-1, 19]). Bridging and R-curve 
effects are observed in the material made with LiF. 
However, the strengths of the material made with LiF 
correlates with the K not reflecting R-curve and bridg- 

ing effects. The strength and K of MgAI204 made 
without LiF are higher than with LiF, but are again 
consistent with one another, whether K was obtained 
by normal fracture mechanics techniques or fractogra- 
phy, with no indication of bridging. 

Some change in K due to the transition between 
polycrystalline and single-crystal K values [1, 
10-16,20] occurs in the vicinity of the finer-larger 
G branch intersection, but may not be necessary to 
account for the strength branch intersections, as dis- 
cussed earlier. However, initiation of a K decrease 
with increasing G, e.g. as occurs with a K maximum, 
should correlate with such S-G -1/2 intersections if 
K and related fracture energy and crack propagation 
tests predict strength behaviour. The locations of the 
K maxima [1] for A1203 (at G-~ 50-100 gin), TiO2 (at 
G~_ 15 gin), and some Y203 data (G~- 10 gm) are not 
greatly inconsistent with the typical G values for the 
intersection of the finer and larger G branches of the 
corresponding typical strength-G-i/2 plots o f  these 
materials. Further, the onset of microcracking from 
TEA stresses in these G ranges for A1203 and TiO2 
could be a reasonable source for both the K maxima 
and the greater strength decrease of the larger 
G branch. However, this would not explain the same 
basic S-G-1/2 behaviour of cubic materials without 
microcracking, nor multiple finer G branches, and 
thus multiple finer-larger G branch intersections. An 
even greater S-K inconsistency is finer-larger 
G branches intersecting at similarly large G as for 
A1203, TiO2 and MgAI20,  not at the much finer G of 
the K maximum in other materials (e.g. B4C, SiC and 
some A1203 and Y203) with the corresponding typi- 
cal strength branches of these materials. 

Attempting to correlate the K decrease from the 
maxima with the S decrease along the large G branch 
also fails. The extent of strength decrease, of course, 
depends on the strength level at which the finer 
G branch meets it, which is a function of the flaw 
population determining the finer G branch. S-G-1/2 
data shows such S decreases are typically about two to 
three fold for both cubic and non-cubic materials, but 
could be more because the strength minima indicated 
in Fig. 2 have not yet necessarily been observed. The 
K decrease from the A1203 maxima (associated with 
bridging) would provide an explanation for ~ six fold 
or more strength decrease (e.g. two to three times more 
than observed). The extent of the K decreases for 
TiO2, and B4C would be sufficient, though the latter is 
at far too small a G, as noted earlier. However, the 
strengths (of the same TiB2 materials used in the K 
tests) all decrease more than the K did with increasing 
G [1]. More importantly, and general, is that the 
modest, or no, K decreases for cubic polycrystalline 
materials does not explain the same two to three fold 
observed strength decrease along their larger 
G branch. 

More fundamentally, no decrease in the polycrys- 
talline K is needed to explain the strength decrease 
along the large G branch. Thus, a polycrystalline K (or 
7) independent of G, e.g as indicated for A12Oa and 
MgA1204 (in the absence of bridging), or having mod- 
est decrease with G at larger G, e.g. as for YzO3 and 
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T A B LE I Weibull m oduli, strength, and toughness of ceramic composites and matrices at 22 ~ 

material Av. strength toughness No. Weibull Reference 
(MPa) (MPa m 1/2) of tests modulus 

1. SiC" 600 3.2 19 16 [77] 
2. SisN~. (S, HP) 900 > 700 10 [78] 
3. Si3N4 (RBSN) 300 30 11 [793 
4. ZrO2 (TZP) 1100 30 16 [80] 
5. ZrO2 (TZP)-Sint. 1100 20 11 [81] 
(2 mol %/YzOs)-HIP 1300 10 20 14 [81] 
6. SiC 400 - 10 [82] 
7. SiC 22% TiC 500 - 9-16 12 [82] 
8. A1203 -40% TiBz 300 10 9 [83] 
9. AIzO3-20% TiC" 600 15 10 Data from 

800 15 11 3M Co. 
10. A1203" 440 24 10 
A1203-30% TiC a 670 24 5 [84] 
11. A1203 SiC~ 700 - - 13 [85] 
12. A1203 520 - 10 7 [86] 
13. A1203-15% SiC,~, 680 10 I0 [86] 
14. A1203 700 - 24 6 
15. A1203-SiCw 500 4.5 5 15 21 [87] 

770 4.5-5 20 6 [87] 
670 4.5-5 25 8 [87] 
850 4.5-5 25 6 

16. 550 11 30 18-28 [88] 
17. SisN4 690 8 30 19 [89] 

(self- 690 8.5 15 53 [90] 
18. reinforced) 600 10.3 15 25 [90] 

515 8.8 15 19 [90] 

"The materials evaluated were commercially produced. 

NiZn ferrite [1], is consistent with the S G behaviour, 
because the change to single-crystal fracture tough- 
ness would typically give a factor of 2 strength de- 
crease [-1, 19, 20, 32]. The transition to grain-boundary 
(i.e. bicrystal) fracture toughness could decrease this 
by another factor of 2 or more. An important aspect of 
this comparison is to also consider that typically lar- 
ger G strengths fall to ~1/2 or less of the average 
strength for the weaker orientation(s) of the corres- 
ponding single-crystal material with comparable sur- 
face finish (Fig. 2). Sufficiently low K values to reflect 
this decrease below single-crystal strengths are typi- 
cally not observed in normal K or y tests, if at all. 
However, such low strengths at large G are consistent 
with failure initiation along grain boundaries due to 
their typically lower K than for transgranular (i.e. 
single-crystal) fracture. 

Another way to gain some insight into the applica- 
bility of polycrystalline K values to predicting 
strength behaviour is to compare K and E values. 
A correlation with Km is expected theoretically be- 
cause, except for possible limited effects of Poisson's 
ratio, K~c = (2Ey) 1/2. However the major theoretical 
determinant of 7 is E, so y correlates with E, and hence 
K~c also does. Such E-KIc correlation has previously 
been shown in the absence of toughening mechanisms 
such as transformation toughening and bridging 
[-33-35], and is shown for the materials of this evalu- 
ation along with some other materials for reference in 
Fig. 3. Note that the data points scattered below the 
averaged trend (i.e. MgAlzO4, MgO, B, B4C, SiC, and 
to a lesser extent TiO2) all reflect extensive trans- 
granular fracture and known, or expected, easy clear- 

age on one or more planes which are multiple in 
occurrence, e.g. {10 0} or {1 10} representing, respec- 
tively, 3 and 4 sets of planes [19]. This is in contrast to 
many, possibly all, of the materials above the average 
trend having fewer, less easy cleavage planes or both. 
Thus, beta alumina has only basal cleavage, i.e. only 
one plane, and A1203 and TiB2 are not known to have 
any cleavage, and have some, to substantial, inter- 
granular fracture [,19]. 
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Figure 3 Fracture toughness of ceramics versus Young's modulus, 
E, at 22 ~ 
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The counterpart of the above comparison is evalu- 
ation of strength trends as a function of E. Because 
S~KIc(C)-1/2, and polycrystalline Kic values tend to 
be proportional to E, comparison of strengths for 
similar C and G values for each material should also 
correlate with E and give insight to S-K~c relations. As 
the size and shape of machining flaws do not vary 
much for a given machining direction in test bars, 
many data satisfy this condition, especially at the same 
fine G where second-order effects on flaw geometry are 
not a factor. Evaluation at fine G (~  4 pm in Fig. 4) is 
also important to ensure that the polycrystalline K is 
pertinent, rather than some value between it and 
single-crystal or bicrystal values. Such S-E correlation 
is clearly better than the K - E  (Fig. 3). The three low, 
but not extreme, deviants from this trend, CaZrO3, 
BeO, and TiB2, probably reflect less development 
relative to most of the other materials. The extreme 
high deviant is tetragonal ZrO2 (TZP), which is con- 
sistent with transformation toughening increasing 
K well above levels expected from those correlating 
with E (Fig. 3). The next highest deviant from the S-E 
trend is Si3N,, which is consistent with the lower, but 
not the upper, portion of its K - E  trend. Similarly, note 
that the S-E trends do not correlate with the higher 
K values for TiO2, BeO, A1203, and TiB2. Similar 
issues of basic differences between S and K results will 
be shown for particulate composites, and even more 
serious differences will be shown as a function of 
porosity in the following sections. 

2.2. Comparison of the effects of porosity 
on strength and toughness of ceramics 

The effects of porosity on the mechanical properties of 
ceramics, though not receiving much attention, are 
very important in an overall understanding of their 
mechanical behaviour. Because the volume fraction 
porosity, P, effects on y, K, and S have recently been 
reviewed elsewhere [1,17, 18], they are only sum- 
marized here. The greater sensitivity, and hence the 
need to consider separately, the P dependence of 
y stems from the fact that E has substantial depend- 
ence on P, and ? often less. Thus, the P dependence of 
K reflects substantial effects of E increasing its P de- 
pendence in contrast to E reducing the K dependence 
on grain (or particle) size relative to that of y in 
previous sections. 

Porosity dependence is particularly pertinent to this 
paper because strength and toughness show some 
common P trends, but also some important differ- 
ences [1]. These include some cases of 7 being inde- 
pendent of P, or possibly having some temporary 
increase with increasing P (e.g. ~ 10%-15%). More 
extreme are some data for A1203 and MgO showing 
toughness, definitely not decreasing until P 
15% 25%, and possibly having a maximum at 
P_~ 10%-15%. At higher P cases of temporary, but 
significant, arrest, or temporary reversal, of the nor- 
mal K, and especially 7, decrease with increasing 
P were found (for B4C and RSSN, respectively). How- 
ever, none of these 7 or K deviations was found to 
correSpond to the strength dependence on P, which 
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typically followed that of E. The discrepancy between 
y and K versus S was specifically seen in the case of the 
RSSN deviation to be due to crack branching and 
bridging on a scale far larger than that controlling 
normal strength, and hence not applicable to it [36]. 

Besides the above specific y -P  or K - P  deviations 
from the S-P trends, there are much broader differ- 
ences that suggest the above deviations are much 
more common. Strength shows a continuous decrease 
with increasing P that is initially approximately linear 
on a semilogrithmic plot of strength versus P, but then 
progressively decreases more rapidly to then fall pre- 
cipitously to zero as the porosity at the solid percola- 
tion limit, Pc, for the particular porosity is reached. 
Collectively, the slope of the initial approximately 
linear portion (which is often expressed as the b value 
in e -bp, which is a reasonable fit to this region of 
behaviour) and the ~ P  of both the more rapid de- 
crease of S and the Po characterize the porosity de- 
pendence. Such P dependence is consistent with that 
of most other mechanical properties, in particular E, 
and with predictions of minimum solid area models 
[-16-18]. Such models predict b values of 3 5 for most 
pore structures, which are borne out in an extensive 
survey of the P dependence of strength and E (as well 
as of thermal and electrical conductivity) [16-18]. Of 
the above characteristics, the slope of the approxim- 
ately linear semilogrithmic porosity dependence from 
P = 0 up to 1/3-1/2 of Po is the most unique to a given 
porosity, and is most pertinent to most of the cases of 
interest, and is hence of central interest here. 

The reduced 7 and K decrease with P reduces their 
consistency with the minimum solid area models and 
frequently makes their P dependence less than that of 



S and E [1]. Thus, K often also shows a similar 
approximately linear slope on semilog plots versus P, 
but with lower slopes; i.e. b values of ~ 2 versus ~ 3-4 
for S and E of the same or similarly processed mater- 
ials. A key exception to the above disparities is when 
the y -  or K - P  dependence is obtained from fractogra- 
phy, where it is similar to that of S and E. Such 
consistency is expected from the Griffith equation, so 
long as the porosity does not significantly effect the 
flaw size, which it usually does not because pore sizes 
are usually < C, especially for substantial P 
[37]. The disparities in the P dependence of y and 
K versus S and E, though most extensively observed 
for, are not restricted to, the normal P range 
(e.g. < 50%), but also occur at high P, e.g. in foam- 
type materials [17]. 

Bridging and branching effects were indicated with 
large cracks in some, but not other, porous bodies. 
Where this occurred, it had much less, or no, effect for 
small cracks controlling strength, as noted above for 
the RSSN. This would explain the common deviations 
of ? and K to less P dependence than S and E. 
A possible basic mechanism for such bridging in por- 
ous materials is seen in cracks attempting to satisfy 
two, not necessarily fully compatible, criteria: fractur- 
ing through regions of the least solid area, and normal 
to the stress axis [17]. Heterogeneities of the porosity, 
in terms of size, shape and spatial distributions, are 
probably also major factors in the expected bridging. 
The variability in such effects is attributed to poorly 
understood crack pore-test interactions that should 
be a fruitful area for research. 

Bridging is also probably a major reason for the 
significant improvement in resistance to severe ther- 
mal shock damage in many porous materials, e.g., 
porous refractories [10]. Thermal shock resistance is 
typically proportional to S or K divided by the prod- 
uct of E and the thermal expansion coefficient. Thus, 
the similar, or identical, P-dependence of E and 
S leave totally unexplained the large improvements in 
thermal shock resistance commonly resulting from 
porosity. This disparity is increased in the many cases 
in which thermal shock resistance is also proportional 
to thermal conductivity, which decreases with increas- 
ing P. However, because thermal shock of quite por- 
ous bodies is likely to involve propagation and arrest 
of larger cracks, the bridging and branching noted 
above with large cracks in porous bodies and resultant 
increases in the K/E  ratio could well explain their 
highly improved thermal shock resistance. However, 
thermal stresses are usually biaxial, thus requiring 
study of multiaxial stresses on bridging, as noted later. 
Thus studies of crack bridging and branching of por- 
ous bodies should be a fruitful area for study. 

It should be noted that there are coupled effects of 
both G and P that also lead to significant y and 
K discrepancies with S [1]. Thus, in MgO, y and 
K have been shown to have similar values with P a few 
per cent or less, as with P = 0, but to increase ~ 2 and 
3-4 fold, respectively, as P decreased with increasing 
G, and shifting from mainly intergranular, to mixed 
inter- and intra-granular [1]. However, S does not 
show such effects. Similar increases in the K of sin- 

tered alpha SiC were noted, with less or no effect on S, 
and such P - K  effects were suggested as the cause of 
some K - G  maxima, e.g. in hot-pressed B4C (with 
a few per cent P). It is clear that a body with some 
intragranular porosity will often reflect less P effect on 
S because both inter- and intra-granular porosity usu- 
ally cannot be fully involved in fracture, especially if 
fracture is mainly inter- or mainly trans-granular. 
Clearly the normal large crack fracture mechanics 
tests cannot address such effects by themselves. 

Evaluation of porosity data for Si3N 4 indicates 
some toughening and strengthening due to grain- 
boundary phases. Thus, extrapolation of RSSN K - P  
data to P = 0 gives K_~ 3.5 MPa m-1/2 instead of the 
normal 4-5 + M P a m  -1/2 measured in (fine grain) 
dense Si3N 4. Because the former has no grain-bound- 
ary phase and the latter does, this implies some 
toughening due to (oxide) boundary phases [36]. Sim- 
ilarly, lower extrapolation of strengths of RSSN to 
P -- 0 relative to those obtained in dense Si3N~ made 
with additives implies both toughening and strength- 
ening due to the boundary phases (and common re- 
sulting elongation of generally fine grains). As dis- 
cussed later, this is consistent with crack sizes (e.g. of 
a few tens of micrometres) versus typical grain sizes of 
a few, e.g. 1-3, micrometres. 

2.3 Comparison of strength and K~e as a 
function of amount and dispersed phase 
size for ceramic particulate, platelet, 
whisker, and fibre composites 

The K of composites reflects effects of the volume 
fraction of dispersed phase on both E and y so, in 
principle, both should be considered. However, most 
of the composites of interest have very similar E values 
for both the matrix and the dispersed phase, so the 
variation of E with composition is much less than y. 
Further the interest is greatest in the differing depend- 
ence of S and K as a function of dispersed particle size, 
which, as for the G dependence of the previous section, 
does not effect E unless it causes microcracking (which 
becomes important when it occurs). Thus, as with 
G dependence of properties, only the dispersed-phase 
dependence of K is considered, and not that of y. 

The K and strength dependence at 22~ on the 
amount and particle size of the dispersed phase in 
ceramic particulate and whisker composites has been 
previously reviewed [6], so only key points pertinent 
to this paper are summarized here. Almost all partic- 
ulate composites show K trends inconsistent with 
strength trends, e.g. Fig. 5. There Lange's K (DCB) 
data for Si3N r with dispersed SiC particles of differing 
amounts and sizes clearly shows fundamentally differ- 
ent trends from those of strength [38], whether or not 
correction is made for the limited amount of porosity 
in some bodies. Data of Tanaka et al. on the same 
system, but with finer SiC particle sizes (and use of IF 
for K) [39], is a very logical extension of Lange's data. 
This further accentuates the differences between 
K and S, i.e. their going in opposite directions with the 
amount and size of the dispersed SiC particles. In- 
creasing toughness with increasing particle size is 
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Figure 5 Strength and toughness of Si3N4 SiC particulate com- 
posite at 22 ~ (a) Toughness versus volume fraction SiC for vari- 
ous particle sizes, (b) corresponding plot of strengths of the same 
specimens, and (c) corresponding plot of the strength/toughness 
from (a) and (b). Note corrections for limited porosity in (a) and (b), 
and the consistency of (e) Lange's [38] and ( x ) Tanaka et al's [39] 
data in all three plots. (a, b) (e) Hot-pressed, P -~ 0.5% to > 5%; ( x ) 
sintered hot isostatically pressed, P-~3 + %; 1" Porosity corrected, 
b = 3. (c) (U) Si3N4, Large [75], (2x) Si3N4, Tanaka et at. [86]. 

consistent with toughening in such composi tes  being 
at t r ibuted to bridging (because bridging generally in- 
creases with grain or particle size), but  again shows 
little or no effect on strength. The S - K  dispari ty is also 
shown by considering the S / K  ratio, which is 
~ ( C )  - I / 2 .  As shown in Fig. 5c, reasonable  flaw sizes 
are indicated for the 1 gm, and possibly the 5 gm SiC 
particle bodies with typical K values, but  those for the 
rest are grossly large. The implied flaw sizes seem far 
too large to reflect just  processing defects. Instead,  
these large calculated flaw sizes p robab ly  reflect use of 
a K that  is much  greater  than that  controll ing S, i.e. 
again implying that  toughening effects measured by 
most  K tests used do not  necessarily reflect s trength 
behaviour  in m a n y  composites.  The  lower strengths of 
composi tes  with larger particles are, instead, consis- 
tent with failure f rom one, or a few clustered, particles 
of the dispersed phase, and a lower K, e.g. similar to 
a bicrystal value in a non-compos i t e  ceramic. This is 
suppor ted  by the consistent decrease in S with increas- 
ing SiC particle size seen not  only within studies of 
Lange [38], as well as within those of N a k a m u r a  et al. 

[40] and Pezzott i  and  Nishida [-41], but  also between 
these and other  studies (Fig. 6) [39,42,43].  
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Figure 6 Strength of Si3N4-SiCp composites at 22 ~ as a function 
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The above  results for Si3N 4 with SiC particles are 
representat ive of  other  surveyed ceramic part iculate  
composites,  as well as those published since the sur- 
vey. Thus,  previously surveyed Si3N4-SiC, SiC-TiC,  



SiC-TiB2, AI203-SiC , and A1203 TiC all showed the 
same trends, namely strength increasing, but tough- 
ness decreasing, with decreasing dispersed particle size 
[6]. Again, S / K  ratios indicated flaw sizes in bodies of 
higher K far beyond those expected from processing 
problems, thus indicating use of K values not reflec- 
tive of those controlling strength. More recent studies 
generally show similar trends. Thus, Endo et al. [44] 
have shown strength of SiC increasing by about 20% 
as K increased by 300% (NB from a low value of 
~ l . 7 M P a m  1/2) with the addition of 30-60% fine 
(~0.4gm) TiC particles. Bellosi et  aI. [45] also 
showed that addition of coarser (to ~ 7 gm) TiN par- 
ticles to Si3N4 increased K by ~ 60%, but decreased 
S by ~40% while use of finer ( < 3 gin) TiN increased 
K by ~ 100% and strength by up to ~20%. They also 
showed failure initiating fi'om TiN agglomerates of up 
to 100 gm, or more, in size. This is consistent with 
results of Mah et al. [46] on Si3N4-TiC composites. 
They showed that addition of TiC particles (average 
size ~ 8 gm, maximum ~ 30 gin) resulted in a continu- 
ous S decrease from 700 MPa for pure Si3N4 until 
becoming constant at 450 MPa from 50-100% TiC. 
However, K started at ~5 MPam 1/2, increased to 
a maximum of 7 MPam 1/2 at 20 vol% TiC, then de- 
creased to a constant level of ~4.2 MPam 1/2, for 
50-100% TiC. The decrease in S is attributed to the 
larger (often agglomerated) TiC particles. Such failure 
from microstructural heterogeneities is consistent with 
fi'acture initiation from: (1) larger A1203 grains in 
A1203-TiB2 and from residual graphite particles in 
A1203 TiC composites (made by reaction processing) 
[47], and (2) foreign inclusions in many ceramics 
[48-50]. The only exceptions to the above trends in 
the previous survey and since then have been with 
small dispersed particles. Thus, A1203-ZrO2 com- 
posites do show similar S and K trends with the 
volume fraction of fine (e.g. < 2 gm) ZrO2 particles, 
as do most other composites with fine microstructures 
relative to strength-controlling cracks. Crack bridging 
and associated R-curve effects have also now been 
clearly shown in many of these composites [51-53] 
thus explaining their high Ks. 

A review of the ceramic platelet composites litera- 
ture shows the same type of results as particulate 
composites discussed above, namely K increasing and 
S decreasing unless the platelets are sufficiently fine. 
Thus addition of 540  vol% A1203 platelets (e.g. 
10 gm diameter) to tetragonal ZrO2 (TZP) matrices 
increased K by ~ 15-60%, but reduced strengths by 
20-50% [54], (and orientation of the platelets ran- 
domly, parallel, or perpendicular to the stress axis had 
little effect [55]). Baril et al. [56] also showed that 
uniform addition of up to 30% SiC platelets 
(11-24~tm diameter) to Si3N4 increased K ~ 40% 
but left S unchanged or reduced by up to 20%, while 
the Weibull modules was increased by up to 130%. 
Strength retention was distinctly best with the finest 
platelets. Weibull modulus results were mixed, while 
K results were generally independent of platelet size. 
Chou and Green [57] increased the K of alumina by 
~70%, but strength decreased by ~30% with the 
addition of 30% SiC platelets (12 gm diameter). Nis- 

chik et aI. [58] did report some possible limited 
strength increases in mullite by addition of 10% SiC 
platelets (10-25 gm maximum diameter). However, 
strength more commonly decreased. Hanninen et al. 

[59] reported greater K increases, respectively, with 
larger versus smaller platelets and particulates (of sim- 
ilar diameter as the small platelets), but with corres- 
ponding greater S decreases as the volume fraction of 
particles or platelets increased. These trends are also 
corroborated by similar K and S trends with platelet 
dimensions in A1203-based composites where the 
platelets were produced by in situ reactions [60-62]. 
Claar et  al. [63] reported high strengths (450-900 
MPa), K values (ll-23MPaml/2), and Weibull 
moduli (21-68) for ZrC matrices with in situ formed 
ZrB 2 "platelets". However, much, possibly all, of the 
improvement in mechanical properties is due to the 
residual zirconium content, i.e. properties increased 
with increased free zirconium content. Also, the 
"platelets" were not discs, as in most of the previous 
cases above, but were much closer to thicker whiskers 
(typically several micrometres in thickness). 

Consider next whisker composites, where there are 
some similarities, but more differences with the trends 
for particulate and platelet composites. The contrasts 
with the latter composites is greatest for AI203-SiCw 
whisker composites which were the first to be de- 
veloped, and have received the most attention. Such 
composites that are well processed generally show 
S and K with similar increases with increasing whisker 
contents up to about 30% whiskers, where obtaining 
uniform bodies becomes much more difficult [64-66]. 
This similarity in S and K trends is in marked contrast 
to the opposite trends commonly found for particulate 
and platelet composites. In further contrasts to the 
latter composites, AlzO3-SiCw composites show in- 
creases in K and S with increasing SiC whisker size 
[67, 68]. All of these trends are generally consistent 
with the dependences that are expected from bridging, 
which has been shown to occur in these whisker com- 
posites [69, 70]. 

Other whisker composites generally show similar 
K increases with increasing whisker content similar to 
that for the A1203-SiCw composites, but with S com- 
monly decreasing, as with particulate and platelet 
composites [6]. Some, possibly all, of this probably 
reflects processing problems that are well known in 
whisker composites. Agglomerates of whiskers and 
matrix grains increase in frequency and size as whisker 
content increases, causing strengths to not increase as 
much as, or to decrease, as K increases. However, it 
must be asked whether this is the universal reason for 
strength deviations in many of these composites. 
Si3N4-SiCw which have received substantial develop- 
ment continue to show strength increases seriously 
lagging those of K, and more commonly decreasing 
with increasing whisker contents [71]. Thus effects of 
other variables need to be considered, especially the 
effects of whisker-matrix property differences, e.g. of 
thermal expansion (SiC whiskers have a lower expan- 
sion than A1203, but higher than Si3N4). 

Finally, briefly recall the key aspects of strength and 
toughness of continuous fibre composites for later 
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discussion. These show large increases in toughness 
(e.g. to 30 MPa m 1/2 or more) both in actual measure- 
ments as well as in their non-catastrophic fracture 
with extensive fibre pullout (which is a manifestation 
of fibre bridging of cracks, which is well established as 
the major toughening mechanism in such composites). 
While S cannot be directly numerically correlated 
with K in such composites, S generally qualitatively 
follows K [-72 74]. 

3. General discussion 
3.1. General requirements and reliability 
Four key, sometimes coupled, factors need to be ad- 
dressed to begin to sort out the discrepancies between 
strength and fracture toughness or energy. The first is 
the fact that while strength is generally a necessary 
condition for the application of ceramics (or any 
brittle material) involving any significant stress, it is 
not sufficient; a suitably high level of reliability is also 
essential. Second, testing and evaluation must be suffi- 
ciently representative of the conditions that will 
govern fracture and failure of interest. Third, the 
evaluation of mechanisms controlling strength, frac- 
ture toughness/energy, and fracture should result in 
a rational, self-consistent view of these and related 
properties and behaviour, e.g. E and fracture charac- 
ter. Fourth is that the same toughening mechanisms, 
in particular those having R-curve behaviour may 
eliminate, or complicate the applicability of linear 
elastic fracture mechanics, i.e. that strength changes 
may not be directly, if at all, reflected by toughness 
changes, as is the case in continuous fibre ceramic 
composites. However, such S - K  discrepancies should 
follow some rational pattern, e.g. as a function of the 
type, or extent of toughening. 

Consider first the issue of reliability. An underlying 
assumption in much of the more recent study and 
development of ceramics, especially of ceramic com- 
posites and R-curve behaviour, has been that improv- 
ing fracture toughness will improve reliability, i.e. in- 
crease the Weibull modulus, m. This, combined with 
the view that much of the toughening increases would 
not necessarily be directly paralleled by corresponding 
strength increases, meant less attention to strength, 
including commonly not measuring it. The potential 
for R-curve effects increasing reliability was cited by 
Bennison and Lawn [-75], as well as Shetty and Wang 
[-76] based on analytical evaluations. It has also been 
argued that wake effects are more theoretically sound 
and give larger K increases than crack tip toughening 
mechanisms [-2, 3]. However, it was also shown that 
the impact of R-curve effects in such analyses was 
quite sensitive to the mathematical form used for the 
R-curve itself [76]. More basically, Kendall et al. [-5] 
have recently presented analysis showing that an in- 
crease in toughness itself will not increase m. Also, 
Kovar and Readey [-7] have recently shown experi- 
mentally that increasing R-curve effects in A1203 did 
not increase reliability, and presented arguments why 
this might arise from variable R-curve effects. How- 
ever, they did not address the possibility that bridging 
was not a factor in the normal S behaviour of their 

A120 3. In particular, they did not explain why normal 
(i.e. unindented) strengths of larger G A1203 were 
often lower than those of indented specimens. This 
may have resulted from failure initiating from larger 
grains in the unindented specimens with little, or no, 
contribution of bridging to S. On the other hand, the 
cracks from indentation may have been large enough 
so some bridging contribution to S occurred, increas- 
ing S over unindented values. Thus, experimentally, 
there are very serious questions whether the observa- 
tions of bridging are relevant to most strength-con- 
trolling cracks, and whether the resultant mechanical 
behaviour is consistent with the effects attributed to 
bridging, as outlined above, and further below. 

An earlier review [-6] of ceramic particulate and 
whisker composite data showed that while toughness 
was often increased substantially in such composites, 
the Weibull moduli were not obviously increased over 
monolithic ceramics (commonly the matrices for the 
composites, Table I) [-77-90]. The generally modest 
level of m values for ceramic composites shown in 
Table I is corroborated by calculations of m from 
coefficients of variation [91] (in composite studies 
where m was not measured), i.e. giving m values of 
5-15. Since the earlier review, a few cases have been 
found that do show substantial Weibull modulus in- 
creases with toughness, but not with corresponding 
S increases, in fact commonly with some S limitations 
for in situ toughened Si3N4 [-87-89]. 

A particularly clear case of such m increases with 
S limitations is Hirosaki et al's study of in situ 

toughened SiaN4 (Table I) [-90]. Their impressive 
Weibull modulus of 53 for their small strength speci- 
mens with fine elongated grains and (SEPB) fracture 
toughness of 8.5 M P a m  1/2 decreased to 25 then 19 as 
K first increased to 10.3 M P a m  I/2 then decreased to 
8.8 M P a m  1/1, as S continuously decreased with pro- 
gressive growth of elongated Si3N4 grains. The inter- 
mediate increase in toughness was attributed to 
increased bridging, and its subsequent decrease with 
the largest grains to microcracking from the larger 
elongated grains, and clusters of these. The continuous 
decrease in strength and Weibull modulus with in- 
creasing size of the elongated grains was attributed to 
first the elongated grains acting as fracture origins 
then clusters of them acting as origins of failure. This is 
supported by results of Salem et al. [88] showing 
fracture origins in their in situ toughened Si3N4 sim- 
ilar to those in more typical Si3N4, i.e. pores, pore 
clusters, and large grains, internally, or at the surface. 
These more recent studies are consistent with earlier 
work, e.g. of Himsolt and Kleinlein [92]. They showed 
both strength and toughness initially increasing with 
grain size and elongation (accompanying increasing 

to 13 conversion), but strength reaching a maximum 
sooner than did toughness. 

That microstructural sources of failure can increase 
the Weibull modulus in ceramics is shown by results of 
Biswas and Fulrath [93]. They showed that the intro- 
duction of porosity, including large (e.g. 100 ~tm dia- 
meter) spherical pores from burn out of latex spheres, 
into otherwise fully dense niobium-doped PZT, in- 
creased the Weibull modulus from 11 to 14. Failure 
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initiated from larger pores, or clusters of them, with 
the separation of such larger pores or their clusters 
being far too great to have produced any crack-bridg- 
ing effects on S [94], which commonly decreased by 
~40%.  However, the increase in m from microstruc- 
tural flaws can be quite variable, e.g. calculation for 
the SiaN4-TiN composites of Bellosi et  al. [45] give 
m = 9 • 4 and 22 • 15, respectively, for their coarse 
and fine TiN particle additions because clusters of 
TiN particles were typical failure origins. The decrease 
in S with increasing size of the dispersed phase par- 
ticles, etc., clearly correlates with the substantial frac- 
tography results noted above, earlier, and below. This 
is not surprising in view of larger grains, or foreign 
particles being common sources of failure, hence also 
of strength limitation [6, 46-48] in ceramics. 

A key question is whether (1) the increase in rn is 
a direct result, i.e. a consequence, of the increased 
toughness and related R-curve behaviour, as widely 
assumed, or (2) that both the K and m increases are 
simply parallel results of differing effects of the disper- 
sed phase. Thus, while the dispersed phase provides 
toughening at large crack sizes, it may also provide 
a more uniform population of failure sources that 
would otherwise be present. This, previously raised 
[4], but unaddressed, possibility is clearly consistent 
with the reviewed results. Thus, if the increase in m was 
due to increased K, why is m not increased in many 
other cases of increased K, and where m and K both 
increase, why does S decrease? On the other hand, 
these results are consistent with m being increased due 
to a more uniform population of microstructural sour- 
ces of failure. However, while the introduction of 
microstructural sources of failure appears to be 
a promising route to improved ceramic reliability, it 
requires careful development for optimum results and 
typically has distinct strength limitations which must 
be better assessed. This mechanism is, therefore, un- 
likely to be properly evaluated and utilized unless it is 
explicitly recognized, as opposed to being treated 
strictly as an adjunct to bridging. It also depends 
critically on fractography (which has been used only 
occasionally) for evaluation and development. 

3.2. Consistency of testing and evaluation 
Turning next to the need to have testing and evalu- 
ation consistent with the fracture and failure of inter- 
est, poses as serious problems as the assumption that 
reliability would be directly improved by increased 
toughness. A fundamental need is to have the micro- 
structural effects on the failure of interest, adequately 
reflected in tests and analysis to understand or predict 
such failure. This basic requirement is often violated 
where failure occurs from much less than a statistical 
sampling of the microstructural features that signifi- 
cantly impact the failure of interest. Thus, most crack 
propagation, i.e. including most K and ?, tests use 
cracks whose length, extent of propagation, or both 
are large in comparison to the pertinent microstruc- 
tural features. Thus, when failure initiates from only 
part of a grain in a uniform, or a heterogenous micro- 
structure, tests not reflecting effects of microstructural 

stresses E21, 22] or the transition to single or bicrystal 
Ks or their equivalents in composites, are not valid for 
such failure. Similarly, tests that reflect effects of pores 
that are not associated with strength failures are mis- 
leading. Modification of the tests and use of fractogra- 
phy are key needs [26]. 

Even more basic and general questions arise con- 
cerning bridging and R-curve observations. While 
there has been some attention to smaller cracks [22], 
most cracks used are still large in comparison to key 
microstructural features. Almost all bridging observa- 
tions are made, in vacuum (in a SEM), at the intersec- 
tion with a free surface, of a large crack under uniaxial 
stress that has travelled mostly at low (generally un- 
certain) velocities, then commonly arrested, often re- 
peatedly. This is fundamentally different from most 
failure, where (1) much of the critical crack propaga- 
tion for a surface crack, and all of that of an internal 
crack not near the surface, must occur in the sample, 
not along its intersection with the surface, (2) cracks 
are much smaller, and often do not represent a statist- 
ical sampling of the microstructural features control- 
ling mechanical properties, (3) crack propagation is 
often effected by the environment, e.g. H20,  and (4) 
the stress may not be uniaxial. The extent to which 
bridging occurs along a crack front away from a free 
surface (and frequently other cracks, e.g. from machin- 
ing) is, at best, poorly documented. Not  only has the 
issue of microstructural scale not been adequately 
addressed, but the statistics of bridging events, e.g. 
average spacings between bridges as a function of 
microstructure, have not been presented. Much more 
quantitative statistical data are needed because tensile 
failure is a weak link process, so failure will be control- 
led by the region of least, not the average or most, 
bridging if this hinders failure. Environmental effects 
on bridging are also not clear, despite the fact that 
environmental effects on crack growth are significant 
in A1203, which has been the source of much of the 
bridging observations, and in which such crack 
growth is often preferentially by intergranular frac- 
ture, favouring bridging. Also, while many failures 
occur under uniaxial loading, many do not, so effects 
of more complex stresses on bridging are needed, e.g. 
the biaxial stress as with many thermal stresses and 
used in some, tests to apply bridging concepts to 
strength. 

An extension of the crack size issue is the rate of 
increase of toughness due to bridging or other mecha- 
nisms as crack propagation occurs. Examination of 
such crack-size effects on toughness is needed at finer 
crack sizes and over a broader range of grain and 
particle sizes and porosity. Similarly the effects of 
crack size on fatigue, which tends to show higher 
crack growth in fatigue at finer crack sizes [95, 96] 
need investigation over a similarly expanded range of 
parameters. An additional, simple, but potentially 
very valuable test would be measurement of strengths 
as a function of specimen size. Specifically, measure- 
ment of strengths as the cross-sectional dimensions of 
the specimens decreases to, and potentially below, the 
ultimate crack size expected at the point where cata- 
strophic failure occurs, could be definitive, as follows. 
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If the specimen dimensions fall to, or below, the crack 
sizes expected from bridging effects (e.g. to 1/2-1 mm), 
then if bridging is occurring, strengths should start to 
decrease as specimen sizes decrease below such crack 
sizes. This would thus be a reversal of, and hence in 
marked contrast to the normal, continued increase in 
the strength as specimen size decreases. 

Finally, if crack-wake effects such as bridging are 
significant in controlling failure, then the rate of in- 
crease of crack wake area per unit area of crack should 
be important [96]. However, this rate depends sub- 
stantially, e.g. by a factor of 2 or more, on crack 
geometry, raising the question of whether cracks used 
in tests must adequately reflect the geometry (as well 
as the size as noted earlier) of the cracks causing 
failure. (Note that for mechanisms effecting crack 
propagation that occur along the periphery, i.e. at the 
tip, of the crack, the rate of change of the peripheral 
length of the crack per unit of crack peripheral length 
is much less than for wake-area changes.) Thus, other 
mechanisms such as microcracking, which are shown 
in some studies of ceramic particulate composites 
[51], should not be neglected. 

3.3. Consistency of mechanisms of various 
ceramics and composites 

Consider next the issue of self consistency amongst the 
different types of composites. Continuous fibre com- 
posites that are very tough clearly have extensive 
R-curve behaviour and fibre bridging and resultant 
fibre pullout which is the major source of toughness. 
Because of the extensive bridging, high toughness, and 
matrix microcracking in these composites, failure 
cracks are large in comparison with the composite 
microstructure and propagate stably, generally with 
repeated deceleration and acceleration, not cata- 
strophically, so there is no specific failure origin. 
Therefore, bridging observations are consistent with 
such composite failures and the character of cracks 
involved, including the resultant fracture character. 
Thus, not only is fibre bridging observed across the 
fractures, the extent of this basically (though not ne- 
cessarily directly quantatively) correlates with the 
toughness, and is corroborated by the occurrence of 
other fracture features, e.g. the occurrence of high- 
strength fracture mirrors on pulled-out fibres, and the 
absence of these when no fibre pullout occurs [72, 73]. 

Whisker composites, which are the next most sim- 
ilar to fibre composites, exhibit some similarities and 
some important differences in behaviour from fibre 
composites. The similarities are in the fibrous nature 
of the whiskers, the occurrence of R-curve behaviour 
and some bridging in crack propagation tests. The 
substantial mixture of "intergranular" and "trans- 
granular" fracture of whiskers on fractures from slow 
and fast cracks is consistent with some whisker bridg- 
ing of cracks, but grossly less than in fibre composites. 
(The generally substantial transgranular fracture of 
the matrix grains, e.g. A1203, is not inconsistent with 
fibre composite fractures, nor necessarily with whisker 
bridging.) The limited data on increasing S and K with 
increasing whisker diameter are consistent with bridg- 
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ing predictions. The major differences from fibre com- 
posites in terms of microstructure are the geometry, 
especially length and orientation, as well as the vol- 
ume fraction of the whiskers, and probably their 
bonding to the matrix. The properties and behaviour 
of whisker composites contrast to fibre composites in 
two key ways. The first is catastrophic failure and 
related phenomena such as apparently general (and 
frequently confirmed) failure initiation from a specific 
source (such as clusters of, or larger, matrix grains, or 
of whiskers, and possibly larger whiskers) [6, 86, 98], 
with some quantative correlation of such origins and 
(lower) measured K values [86, 98]. At least some of 
the characteristic catastrophic fracture features such 
as crack branching should also occur, but little, or no, 
observation or study has been made of this. Second, 
is the generally reasonable correspondence bet- 
ween S and K, at least in some systems, especially 
A1203 -SiCw, until high whisker loadings, where 
heterogeneities begin to dominate. Other systems 
generally do not show nearly as much, if any S - K  
correspondence. 

Platelet composites contrast to whisker composites 
in both geometry and mechanical behaviour. While 
they show some bridging and R-curve behaviour, this 
appears to be less than in whisker composites, which is 
consistent with considerably less surface area (and 
equal or greater bonding to the matrix than whiskers, 
hence generally less "intergranular" platelet fracture.). 
A key difference is that platelet composites almost, if 
not always, show opposite S and K trends with plate- 
let composite parameters such as volume fraction, 
platelet dimensions and orientation. This cannot be 
attributed primarily to heterogeneities from process- 
ing because platelet composites are less susceptible to 
such heterogeneities than whisker composites, e.g. due 
to the lower surface area for the same volume fraction 
of platelets and whiskers. It seems unlikely that this 
opposite trend of K and S can be attributed to 
toughening no longer being a direct predictor of 
strength, for two reasons. First, the toughness of plate- 
let composites is generally not significantly more, and 
commonly less than for whisker composites (consis- 
tent with less bridging and pullout), while whisker 
composites show more reasonable K - S  correlations. 
Second, the much greater lateral dimensions and fre- 
quently greater thickness of platelets all provide 
greater opportunity for them, especially with some 
clustering (as frequently observed) to act as fracture 
origins, but little, or no, detailed examination of this 
has been made. Much finer platelets may result in 
toughness and strength trends being closer, as for 
particulate composites. However, the combination of 
the above observations suggests that the toughening 
in existing platelet composites (as observed with large 
cracks) has limited, or no, relation to strength behav- 
iour. Instead strengths are likely to be controlled by 
the more local toughness of the interfaces between 
larger platelets or agglomerates of them and the 
matrix. 

Particulate composites extensively show opposite 
S and K trends, with strengths decreasing with in- 
creasing particulate content until dispersed particle 



sizes are small, e.g. ~ 1 btm. These trends question 
whether bridging and related R-curve effects deter- 
mine strength over the broad (often the complete) 
microstructural range commonly assumed. The argu- 
ment that K no longer correlates with S does not 
appear to be valid in these materials in view of the 
better correlation in whisker and fibre composites, 
respectively with higher, and much higher, K than 
particulate or platelet composites. The same argument 
holds for TZP materials, where the clear effects of 
transformation, mainly effective through their effects 
on the crack wake, are still consistent with fracture 
mechanics until quite high toughnesses are reached 
1-99]. The substantial transgranular fracture of both 
the composite matrix and the dispersed phase that fre- 
quently occurs [19] also questions the role of bridging 
in view of it commonly being favoured by intergranu- 
lar rather than transgranular fracture. The decrease in 
strength with increasing particle size suggests that 
individual or clustered particles act as fracture origins, 
which is confirmed in the limited fractographic exam- 
inations that have been made [6, 45]. Such initiation 
also questions strengths being determined by bridging 
and R curve phenomena, e.g. because larger particles 
should be associated with greater toughness and hence 
not an area for failure initiation. 

The common absence of bridging effects on S, i.e. 
the frequently poor, or opposite trends of S and K, 
cannot be simply attributed to microstructural in- 
homogeneities of composites from imperfect process- 
ing. Such S - K  deviations are, instead, seen as evidence 
for often limited, or no, bridging contributions to S for 
two basic reasons. First, if bridging had significant 
effects on S, they should still contribute to S despite 
some reasonable level of microstructural hetrogeniety. 
Second, the S - K  discrepancies do not correlate with 
processing difficulties or level of development. Thus, 
processing of whisker composites presents more chal- 
lenges to homogeneity than processing platelet com- 
posites, and both of these present more challenges 
than processing particulate composites. However, 
S - K  deviations are typically greatest for particulate 
composites and least for whisker composites. Also, 
serious S - K  differences occur for extensively manufac- 
tured composites, e.g. A1203-TiC and WC-Co [6]. 

The inconsistent strength and toughness trends of 
ceramics as a function of G or P also question bridging 
and R-curve effects as broadly determining strength. 
The consistency of fracture toughness measured with 
little or no R-curve effect with those calculated from 
fractography, and the latter showing essentially the 
same P dependence as S and E even more seriously 
question this. The frequent occurrence of failure initia- 
tion from one, or a few, larger grains raises the same 
issues as failure initiation from larger particles in com- 
posites. Failure initiation commonly observed from 
one or a few pores also raises serious questions, be- 
cause a pore provides no wake area for bridging. Thus, 
wake-area phenomena can only occur as a crack ex- 
pands away from the pore. However, failure analysis 
shows that failure occurs when the crack size is not 
much larger than the pore from which it initiated. 
Thus, if bridging were important to normal strength 

behaviour, one would expect to find lower strengths 
for failure from pores than most other sources due to 
less bridging with failure from pores. There is no 
evidence of this, but strong indications to the contrary. 

Again fracture mode is an important issue. Most 
dense, and many porous ceramics exhibit predomi- 
nantly transgranular fracture [19], which is less fa- 
vourable to bridging. Fracture initiation from larger 
grains may be intergranular or transgranular, inde- 
pendent of the surrounding fracture mode, with no 
obvious S or K difference. Because bridging is more 
commonly associated and more effective, with inter- 
granular fracture, why do such fractures not have 
higher toughness and strength? Also note again that 
use of LiF to densify MgAI204 results in reduced 
S and K, but increased bridging [1]. Finally, note that 
while the focus has been on bridging because of its 
potential applicability to many more materials, sim- 
ilar questions arise regarding the applicability of R- 
curve effects from transformation toughening. Only at 
the extremes of very high toughness or microstructure 
(i.e. microcracked material) do strength and toughness 
not correlate in the normally expected fashion, which 
is attributed to the transformation process itself, at the 
extreme increasing K, but decreasing S [97]. Otherwise, 
measured toughness and that calculated from fractog- 
raphy of flexure-tested samples agree [16, 21, 22, 32]. 

Overall the key to this issue of the role of bridging 
(and other toughening mechanisms) appears to be the 
scale of the cracks causing failure to the scale of the 
microstructural features significantly impacting their 
propagation up to the point of catastrophic failure. 
Thus, in most TZP materials, failure-causing cracks 
are large in comparison to the grains, and so hence are 
the transformation events and resultant local stresses. 
Therefore, strength and toughness correlate, and frac- 
ture mechanics applies. Similarly, bridging or other 
toughening mechanisms may increase strengths of fin- 
er grain Si3N4 and SiC made with oxide additives, but 
toughness and strength correlate and fracture mech- 
anics is valid as normally applied. However, as coarser 
grain structures are developed which give clear and 
substantial bridging effects (with intergranular frac- 
ture), the grains, or commonly clusters of them be- 
come the sources of failure thus limiting strengths 
below those predicted from the large crack toughness. 
This occurs when such grains or clusters approach 
a sufficient fraction of the critical flaw size. Note that 
in such cases the toughness controlling the initiation 
of failure is that approaching, or even below, that for 
cleavage of a grain, or that of grain boundaries for 
intergranular failure. The parameters here are ex- 
pected to be the number of grains involved, their 
character (e.g. elongation and relative orientation to 
each other and the developing crack) and the amount 
and character of the (often excessive) grain-boundary 
phase locally present. 

3.4. Consistency with other fracture 
features and test conditions 

Two other areas of consistency that are important to 
consider are other aspects of fracture and behaviour 
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under other test conditions. While the issue of fracture 
mode has been addressed above, a related issue is the 
impact on basic fracture features; specifically the onset 
of mist, hackle, and especially crack branching that 
surround the fracture "mirror". (Crack branching is 
emphasized because mist and hackle may be obscured 
or altered by dispersed phases.) The distances from the 
fracture origin to the onset of these features, divided 
by the flaw size is a function of the toughness control- 
ling fracture [98]. If that toughness increases signifi- 
cantly as the crack progresses, i.e. being higher prior 
to initiation of catastrophic fracture as implied by 
wake concepts, then this should be discernable as an 
increase in these characteristic dimensions. (Unfortu- 
nately, observation of increases in these dimensions is 
not necessarily definitive. Increases in these dimen- 
sions would also occur if bridging occurred as the 
crack continues to propagate after catastrophic failure 
has commenced. This could readily occur if bridging 
can occur at terminal crack velocities because cata- 
strophic crack propagation occurs at a modest frac- 
tion of the mirror size.) Dimensions of these features in 
composites has been examined very little. The limited 
data actually show the mist and hackle boundaries 
being smaller in composites, which may simply reflect 
their easier nucleation due to the presence of the 
second phases (or of non-cubic ZrO2 in TZP) [100]. 
Data for the crack branching to flaw size ratio are very 
limited and uncertain, but do not show obvious shifts. 
However, there are substantial data for dense, mono- 
lithic ceramics (e.g. aluminas), which show no clear 
differentiation between materials associated with 
varying degrees of bridging. 

The issue of consistency with failure under other 
test conditions entails both different stress, as well as 
different test environments which have recently been 
reviewed for S [15]. The issue of slow crack growth 
due to environmental effects, which commonly fa- 
vours intergranular fracture and thus bridging, was 
raised earlier. Thus, slow crack growth should impact 
bridging, presumably enhancing it, as does the pres- 
ence of residual additives at grain boundaries, in 
MgA120~. However, slow crack growth, and resultant 
delayed failure, occur with small cracks in dense Si3N4 
made with oxide additives (giving mainly intergranu- 
lar fracture, hence more opportunity for bridging), but 
not with large cracks [,-101], i.e. opposite to the grain- 
size trends expected for bridging. Slow crack growth 
also ties in with the broader variable of test temper- 
ature, T. Testing at lower T, e.g. - 196 ~ where slow 
crack growth is eliminated, typically increases 
strength. If this reduces bridging, and hence also 
toughness from resultant R-curve effects, why does 
strength not decrease at the lower temperature if such 
effects impact strength? 

On the other hand, as T increases a few to several 
hundred degrees above 22 ~ strengths may increase, 
or decrease, a little, and in some cases substantially 
(e.g. ~ 70%) 1-15]. Decreases and increases may occur 
sequentially, and be dependent on G. Thus, most 
A1203 bodies show strength decreasing to a minimum 
at ~ 300-700~ then rising to a maximum at 

1000~ Recent results of White and Hay [102] 
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showing both fracture toughness and R-curve effects 
in an alumina decreasing from 22-600 ~ (the range 
tested, accompanied by modest decrease of trans- 
granular fracture) may be consistent with such a mini- 
mum. However, this correlation is most likely coinci- 
dental because there is no basis for bridging effects 
being consistent with (1) a subsequent strength max- 
imum, (2) the minimum and maximum being more 
pronounced for medium and larger, and of doubtful 
existence for finer, grain sizes, and (3) the most extreme 
changes occur in sapphire crystals and filaments [15]. 

The strength of BeO increases to G-dependent 
maxima at ~ 600-1000 ~ that are 10%-80% greater 
than at 22 ~ While this might suggest bridging, the 
greatest changes occur at smaller to medium G, and 
the least at large G, i.e. not necessarily what would be 
expected from the G dependence of bridging, though 
fracture mode changes [19] could be a factor. On the 
other hand, MgO shows a progressively less than 
normal S decrease with increasing T below 1000 ~ as 
G increases, and a modest (~  10%) increase to a maxi- 
mum at ~ 700~ for large G, where there is more 
transgranular fracture. Thus, this is not likely to reflect 
effects of bridging, but could well reflect other factors 
such as increased dislocation effects [,-103]. In contrast 
to the above behaviour, polycrystalline, fully stabil- 
ized ZrO2 shows anomalously greater strength, and 
somewhat greater E decreases with increasing, espe- 
cially at < 700 ~ and some increase in intergranular 
fracture. However, these trends are opposite to what 
might be expected for bridging, i.e. the increased inter- 
granular fracture would be expected to increase, not 
decrease the strength, and do not explain the E de- 
crease. The latter appears to correlate with changes in 
lattice defects and accompanying changes in dielectric 
loss and internal friction [15]. Thus the changes of 
strength with increasing T, while in a few cases pos- 
sibly being consistent with bridging, overall poses 
serious problems for bridging. It also reinforces the 
view that various mechanisms impact flaw failure, and 
hence strength, not primarily one. 

Consider now effects of other stressing modes be- 
sides the simple uniaxial tensile stressing of bridging 
observations. Progressing from uniaxial to biaxial and 
triaxial stresses may well reduce bridging because the 
added stress components should progressively reduce 
the occurrence, or effects of, bridging, e.g. reducing the 
elastic interference of bridging grains. Despite these 
uncertainties, bridging concepts have been applied to 
biaxial fracture without any discussion of their appli- 
cability. Such issues are important because multiaxial 
stresses are important in practice. An important case 
is thermal stresses which, at the minimum have a sig- 
nificant biaxial character. In the case of serious ther- 
mal stresses substantial crack growth can occur, po- 
tentially making bridging observations more applic- 
able because of the resultant larger crack size, but 
uncertain because of the multiaxial stress. 

Another stress aspect of importance from both 
a practical and a scientific standpoint is that of repeat- 
ed stresses, i.e. of fatigue. Fatigue tests of specimens 
with small (natural) flaws, moderate (indent) flaws and 
with larger cracks, which commonly show faster, as 



well as significantly different, crack growth as flaw size 
decreases [95,96]. This clearly implies less, or no, 
bridging effects active with smaller flaws. This greater 
crack growth with smaller flaws is reported for mater- 
ials such as A1203-SiCw and partially stabilized zirco- 
nias. 

4. Conclusion 
The substantial attention given to R-curve effects, 
especially from bridging, has been driven by the higher 
toughness they can give, and hoped-for resultant in- 
creases in reliability. However, two sets of observa- 
tions now seriously question broad applicability of 
these effects. First, there is increasing evidence that 
such toughening does not necessarily increase reliabil- 
ity. There are some cases where the Weibull modulus 
does increase with microstructures that exhibit bridg- 
ing. However, such cases appear to result from the 
grains or particles causing bridging also acting as 
a more uniform source of fracture origins. This de- 
serves further study, because (1) it may be useful, but 
means more limited strengths, and (2) it cannot be 
properly studied or optimized unless it is explicitly 
recognized instead of being treated as an adjunct to 
bridging. 

The second set of observations seriously question- 
ing the broad applicability of bridging are those com- 
paring strength, toughness and related properties as 
a function of microstructure. The observation of such 
bridging and R-curve effects have been made with 
large cracks. However, such effects must be shown to 
be applicable on the scale of the flaws controlling 
strengths in order to predict strengths. A review of the 
dependence of fracture energy and toughness, and of 
strengths as a function of grain size, porosity, and the 
amount and character of composite-dispersed phases 
shows limited or no correlation between R-curve, 
bridging and related large crack phenomena with nor- 
mal strength behaviour for most materials. Considera- 
tion of environmental and temperature effects further 
questions the applicability of such large crack phe- 
nomena to strength behaviour. Thus, blanket accep- 
tance of wake effects, especially crack bridging, as the 
primary determinant of toughness controlling normal 
S and the reliability of many ceramics and ceramic 
composites, is not justified. While the validity of these 
effects is clearly established in fibre composites, it 
varies from somewhat uncertain applicability to being 
most likely not applicable in many materials for many 
common failure conditions. A key issue commonly not 
adequately addressed is the scale of the cracks causing 
failure to those for characterizing fracture behaviour, 
and especially the scale of both of these to the critical 
microstructural features. It is also important that 
other reasonable toughening mechanisms, though not 
offering the same level of toughening, are not dis- 
carded or neglected without sufficient evidence. While 
some reliability increases have been observed with 
high toughness attributed to bridging, these appear to 
be the result of larger grains, or clusters of them, acting 
as a more uniform population of failures sources. 
Thus, the increased toughness and reliability appear 

to be parallel results of the microstructural effects 
rather than the toughness itself increasing the Weibull 
modulus. Optimization of such reliability increases, 
i.e. to minimize the limitations on strength indicated, 
will require explict consideration of a parallel, as op- 
posed to just a cause and effect, relation between 
strength and toughness. Thus, much more thorough 
test and evaluation (including fractography) are 
needed on this and related studies as recommended. 

Note added in proof 
It has recently come to the author's attention that 
similar discrepancies in the microstructural trends for 
fracture toughness and tensile strength also occur in 
cements and concretes. Thus, Eden and Bailey [104] 
reported that removing large pores (> 100 btm dia.) 
from their Portland cement paste (by de-airing), in- 
creased strength by ~ 15%, it made a similar de- 
crease in Kin, i.e. similar to some of the temporary 
reversals of Klc decreasing with increasing porosity. 
R-curve effects, i.e. a temporary increase in K~c with 
increasing crack propagation and hence length, are 
observed in cement pastes, and have been associated 
with a microcracking zone (as revealed by dye pen- 
etration examination) around the microcrack [105]. 
Strange and Bryant [106] showed similar, but sub- 
stantially larger discrepancies for two concretes as 
a function of aggregate type and size. While increased 
aggregate size increased toughness, it decreased 
strength for two different aggregates. They attributed 
the decreased strength with increased aggregate size to 
aggregate pieces acting as failure initiation sites, i.e. 
the same as shown earlier in this paper for ceramic 
composites. 
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